It has been shown earlier that thermodynamic and kinetic driving forces exist for an isolated oxygen defect to segregate to Si: HfO 2 interfaces. In the present work, using the first principles calculations, we show that the accumulation of multiple point defects ͑O vacancies and interstitials͒ at Si: HfO 2 interfaces is also thermodynamically favored and this preference is relatively insensitive to the areal density of interfacial defects. These results indicate that the O point defect chemistry can provide a rationale for the formation of interfacial phases.
As prospective substitutes for conventional SiO 2 gate dielectrics, high dielectric constant ͑or high-͒ materials such as HfO 2 have been extensively studied. Due to its high thermodynamic stability in contact with Si, 1-3 HfO 2 is expected to be resistive to the formation of undesirable phases such as silica, silicates, and silicides at the Si: HfO 2 interface. However, in reality the formation of such interfacial phases have been observed. [4] [5] [6] [7] [8] [9] It has been proposed that these interfacial reactions could be closely related to high diffusivity of oxygen and due to deviations from the ideal stoichiometry of HfO 2 phases. 10 Based on the first principles computations, we had shown earlier that isolated O vacancies 11 and interstitials 12 display strong thermodynamic and kinetic driving forces for segregation to the Si: HfO 2 interface. We found that an isolated O vacancy ͑interstitial͒ in bulk HfO 2 tends to relocate to the O ͑Si͒ layer closest to the Si: HfO 2 interface, potentially leading to the formation of interfacial Hf silicides ͑Si oxides͒. While the above factors provide insights concerning the driving forces for the "nucleation" of new interfacial phases, larger scale accumulation of point defects at interfaces needs to be explicitly considered to address the formation of the uniform interfacial layers experimentally observed. 5, 9 In this work, based on density functional theory ͑DFT͒ computations, we estimate the thermodynamic driving force for the segregation of multiple O defects to the Si: HfO 2 interface from bulk HfO 2 . The process modeled here is schematically shown in Fig. 1 .
Our DFT calculations were performed using the VASP code 13 with the Vanderbilt ultrasoft pseudopotentials, 14 the generalized gradient approximation utilizing the PW91 functional, 15 and a cutoff energy of 400 eV for the plane wave expansion of the wavefunctions. Bulk HfO 2 calculations involved a 2 ϫ 2 ϫ 2 supercell of monoclinic HfO 2 ͑m-HfO 2 ͒ containing 32 Hf and 64 O sites, and required a Monkhorst-Pack k-point mesh of 2 ϫ 2 ϫ 2 to yield converged results. All Si: HfO 2 computations involved a 2 ϫ 2 interface unit cell, and hence, required a 2 ϫ 2 ϫ 1 Monkhorst-Pack mesh.
A wide range of interfacial area coverage by O defects was considered. The formation energy per O defect can be formally defined as
where E def and E perf represent the energies of the system with n O defects per supercell and the perfect system, respectively, and O is the chemical potential of O. In Eq. ͑1͒, the plus and minus signs are for the vacancies and interstitials, respectively. The feasibility of the process shown in Fig. 1 for a given interfacial O defect density was estimated by determining ⌬E f , the difference between E f at the Si: HfO 2 interface and the corresponding formation energy far away from the interface ͑i.e., in bulk HfO 2 ͒. Thus, ⌬E f does not explicitly depend on the actual choice of O . For definiteness, we choose O to be one-half energy of an isolated O 2 molecule when making explicit references to E f . We do mention that the density of bulk defects at a given temperature will be controlled by the chemical potential of the ambient oxygen, as has been established before by the authors by using ab initio methods. 16 In this work, we assume the prior existence of a certain density of bulk defects.
While the defects far away from the interface were treated by using bulk m-HfO 2 supercells ͑which were strained, see below͒, those at the interface were studied by using an explicit epitaxial interface model, 11, 12 in which the ͑001͒ surface of m-HfO 2 was stretched to coherently match that of Si ͓Fig. 2͑a͔͒. The equilibrium a, b, and c lattice parameters of bulk m-HfO 2 were computed here to be 5.14, 5.19, and 5.30 Å, respectively, in good agreement with the corresponding experimental values of 5.12, 5.17, and 5.29 Å. 17 The equilibrium lattice constant of crystalline Si was determined to be 5. the experimental value of 5.43 Å. 18 The epitaxial Si: HfO 2 model thus resulted in strains of 6% and 5% in the HfO 2 along the a and b directions.
First, we consider O defects far away from the interface, modeled here using bulk m-HfO 2 with a and b stretched to 5.46 Å ͑and with c optimized͒. Bulk m-HfO 2 contains threefold and fourfold coordinated O sites. We computed E f for an isolated O vacancy ͓with n = 1 in Eq. ͑1͔͒ at the threefold and fourfold sites to be 6.41 and 6.20 eV, respectively, and that for an isolated O interstitial to be 0.95 and 0.66 eV, respectively. These calculations and those concerning isolated point defects in equilibrium HfO 2 are well documented elsewhere. 12, 16, 19 16, 20 we use E f of isolated O defects in bulk HfO 2 as a reference to quantify the thermodynamic driving force for the accumulation of O defects to the Si: HfO 2 interface.
Next, we consider the formation of multiple O defects at the Si: HfO 2 interface. The interface model ͓Fig. 2͑a͔͒ contained nine Si layers ͑eight atoms per layer͒ and four Hf layers. The dangling bonds of the top ͑Hf͒ and bottom ͑Si͒ free surfaces were passivated by adding half monolayer of O atoms 21 and a vacuum of about 10 Å separated the whole structure from its image along the interface normal. We used the O-terminated interfaces as a starting point here, as these are more stable and desirable than the Hf-terminated ones in the absence of O defects. 21 After geometry optimization, half of the interface O atoms contributed to the formation of the Si-O-Si bonds, while the other half resulted in the Hf-O-Hf bonds, thus, passivating all the interface dangling bonds. 21 Oxygen defects were then created either by removing O atoms from the interfacial Si-O-Si bonds or by adding O atoms between the Si-Si bonds at the interface. These choices for the "final" locations of the defects were motivated by our prior work on isolated point defects which indicated these to be the minimum energy positions. In the present work, a range of interfacial defect areal densities ͑ADs͒ were considered. The areal ADs are defined here as the number of defects divided by 8, the number of interfacial O sites within the perfect Si: HfO 2 system ͓Fig. 2͑a͔͒. An investigation of E f with respect to the AD will indicate whether or not the defect accumulation process, which is critical to the interfacial phase formation, is energetically favorable. Note that E f is defined per defect ͑both in bulk HfO 2 and at the Si: HfO 2 interface͒. This ensures that we always compare equivalent bulk and interface defect numbers. Figure 2͑b͒ schematically shows the interfacial O vacancy sites. Since the 2 ϫ 2 interface can be divided into four equivalent 1 ϫ 1 cells and each contains two inequivalent interfacial O sites, vacancy sites can be categorized into two groups: one indexed by odd numbers and the other by even numbers, as indicated in Fig. 2͑b͒ . We begin our discussion of E f for interfacial O vacancies with a single vacancy per supercell at either sites 1 or 2 ͑AD= 0.125͒. E f was determined to be 5.29 and 5.12 eV for sites 1 and 2, respectively, about 1 eV lower than that in bulk HfO 2 . Higher ADs were explored by considering 2, 4, 6, and 8 vacancies. Since it is challenging to exhaustively explore all possible combinations of vacancy locations for ADs between 0.125 and 1.0, only a few representative cases were chosen. The configurations were chosen to span the extreme cases of clustered and well-separated vacancies. The values of ⌬E f for all considered configurations and ADs are listed in Table I TABLE I. Values of ⌬E f ͑eV per defect͒ with respect to O defect coverage at the Si: HfO 2 interface. Site label "1" is for a single defect at site 1, and site label "12" is for 2 defects at sites 1 and 2 simultaneously, and so on. E f values for O vacancy ͑6.20 eV͒ and interstitial ͑0.66 eV͒ in the strained bulk HfO 2 were used as references to define ⌬E f . Fig. 3 ͑left axis͒. It can be seen that ⌬E f is always negative and that there is a slight but clear decrease in its value for increasing ADs. Thus, the approximately 1 eV driving force for segregation experienced by an isolated vacancy is maintained for multiple vacancies as well.
In addition, we considered a case that corresponds to a vacancy AD of 2.0, i.e., when the eight interfacial O atoms making up the Si-O-Si bonds as well as the eight O atoms in the layer above making up the Hf-O-Hf bonds are missing. Geometry optimization of this structure results in the formation of the Si-Hf bonds at the interface with bond lengths around 2.6 Å ͓Fig. 2͑c͔͒, close to the experimental Si-Hf bond length of 2.68 Å in bulk HfSi 2 . 22 Assuming that this interfacial "silicide" layer is formed due to the accumulation of O vacancies, we obtain an E f of about 1.4 eV below that in bulk HfO 2 and about 0.2 eV below that in the case of AD= 1.0. Thus, it is evident that although the O-terminated Si: HfO 2 interface is stable in the absence of O defects, multiple O vacancies from bulk HfO 2 ͑when present͒ tend to segregate to the Si: HfO 2 interface and could result in interfacial Hf silicides.
Next, we consider the accumulation of O interstitials at the Si: HfO 2 interface. The labeling method similar to that adopted for vacancies was used to index the interfacial interstitial sites ͓Fig. 2͑d͔͒. For instance, interstitial sites 1 and 2 are in between the interfacial Si-Si bonds ͓indicated as B1 and B2 in Fig. 1͑a͔͒ and form the Si-O-Si bonds. Again, we start our E f calculations with the case of an isolated O interstitial corresponding to AD= 0.125. In this case, E f are −2.89 and −2.84 eV for sites 1 and 2 respectively, which are lower than the corresponding bulk values by more than 3.5 eV. By employing the same strategy for the vacancy cases discussed above, we explored higher ADs ͑0.25, 0.5, 0.75, and 1.0͒ by adding two, four, six, and eight O atoms at the interface. For these representative cases, the large driving force for segregation ͑i.e., large negative ⌬E f value͒ experienced by an isolated O interstitial is well maintained, as listed in Table I and illustrated in Fig. 3 ͑right axis͒. From a thermodynamic point of view, we conclude that multiple O interstitials tend to segregate from bulk HfO 2 to the Si: HfO 2 interface, which could result in an interfacial SiO x layer. As an example, the SiO x layer corresponding to AD= 1.0 is shown in Fig. 2͑e͒ .
In summary, we have studied the relation between the thermodynamic driving force for O defect migration to the Si: HfO 2 interface and the defect ADs at the interface. Our results clearly indicate that when multiple O defects are present in the HfO 2 film ͑as specified by the ambient oxygen pressure or chemical potential͒, they tend to accumulate at the interface and form interfacial phases.
